Interface conditions during mixed-mode phase transformations in metals by unknown
INTERGRANULAR AND INTERPHASE BOUNDARIES IN MATERIALS
Interface conditions during mixed-mode phase transformations
in metals
Richard M. Huizenga Æ Cornelis Bos Æ
Jilt Sietsma
Received: 7 July 2007 / Accepted: 10 October 2007 / Published online: 21 March 2008
 The Author(s) 2008
Abstract A fast three-dimensional phase transformation
model is formulated for the transformation from ferrite to
austenite in low-carbon steel. The model addresses the
parent microstructure, the nucleation behaviour of the new
phase and the growth of the new phase. During the growth,
the interface velocity of the ferrite grains is calculated
using a mixed-mode growth model. The simulated trans-
formation kinetics is compared with experimental kinetics
for an Fe–C–Mn steel for four different cooling rates. In
general, the model predicts the kinetics quite well. In
addition, the mixed-mode character of the transformation is
shown for the different cooling rates.
Introduction
Phase transformations in the solid state of metals take place
in a two-step process: nucleation and growth. It is well
known that nucleation in these transformations is primarily
heterogeneous, taking place at lattice defects like interfaces
or dislocations. But also, during growth the conditions at
the interface are governing the process, influencing the
jump frequency of atoms across the interface. The local
free energy balance is determining this jump frequency,
and thus the growth rate, involving the driving pressure for
transformation and the activation energy for atomic jumps
at the interface. The local free energy depends directly
on the chemical compositions of the two phases at the
interface, and on the temperature.
During the phase transformation of austenite to ferrite in
low-carbon steel (typically 0.1 wt% C), the carbon will
partition between ferrite and austenite, since the forming
phase ferrite cannot contain more than 0.02 wt% C. The
carbon concentration at either side of the interface directly
determines the velocity of the interface and thus the
kinetics of the transformation. Two processes play a major
role in the phase transformation: the kinetics of the actual
lattice transformation and the diffusion of the partitioning
element, in this case carbon. While traditional models
assume the kinetics to be controlled by either the lattice
transformation (interface control [1]) or by carbon diffu-
sion (diffusion control [2]), in this article a recently
developed mixed-mode model [3, 4], taking into account
both processes, is applied to an Fe–C–Mn steel and
compared with experimental data.
Model
Three aspects are of primary importance for phase trans-
formations: the parent microstructure, the nucleation
behaviour of the new phase and the growth of the new
phase. The way these aspects have been incorporated in the
model is discussed in this section.
The parent microstructure (in this case austenite) is
created from a three-dimensional random Voronoi tes-
sellation, using periodic boundary conditions. The
corners, edges and faces of the parent grains form the
most favourable positions to act as nucleation sites for the
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new phase (in this case ferrite). Using this approach the
spatial distribution of nuclei is according to the physical
notion that applies to a real microstructure, and not
random, as assumed in the widely applied Avrami like
models [5–7]. This is relevant for the impingement of the
grains and therefore for the transformation kinetics and
the eventual grain size distribution. Furthermore, the
temperature at which a nucleus becomes critical is defined
separately for each nucleus, making it possible to simulate
a spread in nucleation temperature [8]. A typical parent
microstructure with several growing ferrite grains is
shown in Fig. 1.
The ferrite nuclei grow spherically, with the interface
velocity calculated according to [1]:
v ¼ MDG;
with M the interface mobility and DG the driving force.




with QM the activation energy for Fe-atoms crossing the
interface, R the gas constant, T the temperature and the





where d is the jump distance across the interface, mD the
Debye frequency, k the Boltzmann constant and M* can be
used as a fitting parameter, indicating how much the actual
mobility differs from the theoretical value.
The driving force DG is calculated from the difference
of the chemical potentials between the phases, according
to [1]:
DG ¼ XaFeðlcFe  laFeÞ þ XaMnðlcMn  laMnÞ þ XaCðlcC  laCÞ;
with Xaj the atomic concentration (j = Fe, Mn, C) in ferrite
and luj the chemical potential at the interface for element j
in phase u (where a is ferrite, c is austenite).
The chemical potential of an element in a phase depends
on the temperature and the local composition in the phase.
Since the diffusion of carbon is much faster than the dif-
fusion of manganese, we assume that only the carbon
partitions and the manganese atoms do not redistribute.
This means that the ratio XFe/XMn stays constant in the
phases during the transformation (so-called para-equilib-
rium). The system can therefore be regarded as a binary
M-C system, with M representing the metals Fe and Mn.
The chemical potential of M can be written as:
luM ¼ YuFeluFe þ YuMnluMn;
withYuFe the relative fraction of Fe: Y
u
Fe ¼ XuFe=XuM and YuMn
the relative fraction of Mn: YuMn ¼ XuMn=XuM;, where XuM ¼
XuFe þ XuMn in a given phase u:
The driving force can now be rewritten as:
DG ¼ XaMðlcM  laMÞ þ XaCðlcC  laCÞ
This binary system is actually an intersection of the three-
dimensional Gibbs surfaces at the plane where the ratio
XFe/XMn is constant, leading to a two-dimensional Gibbs
free energy diagram. This approach is similar as described
by Gamsja¨ger et al. [9]. A graphical illustration of the
driving force is shown in Fig. 2.
As can be seen in Fig. 2, the driving force is directly
related to the carbon concentration in austenite at the
interface. The carbon concentration in ferrite is assumed to
be the equilibrium concentration as given by the Gibbs-
curves, which is very low. When the ferrite grows, the
carbon is expelled into the austenite, causing an increase of
the carbon concentration in austenite, in particular at the
interface. For this concentration two important processes
play a role simultaneously: (1) the velocity of the interface
(pushing more carbon into austenite) and (2) the diffusion
of carbon away from the interface into the austenite matrix.
Determining the exact interface concentration is therefore
not straightforward.
A fast analytical model of the interface concentration
was described by Sietsma and van der Zwaag [3] where
both the mobility of the interface and the diffusion of
carbon in austenite were taken into account. In this mixed-
mode model, the carbon concentration profile in austenite
was approximated using a linear profile. This approach was
recently refined using an exponential concentration profile
in three-dimensional and taking into account soft
Fig. 1 Typical austenite microstructure showing internal corners,
edges, faces and several ferrite grains (in red), which nucleated at
the grain boundaries
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impingement as well [4]. The exponential concentration
profile used in that model is given by:




with X0 the bulk concentration, X
c the interface
concentration, z0 a parameter determining the width of
the profile, which is determined by the carbon mass
balance, and z the distance from the interface in austenite.




with D0 the pre-exponential constant and QD the activation
energy for carbon diffusion in austenite.
This refined mixed-mode growth model is incorporated
in the three-dimensional transformation model presented in
this article. At each time step and for each ferrite grain, the
carbon concentration profile in austenite is calculated, from
which the interface concentration is determined. If the
mobility is high and the diffusivity is low, the transfor-
mation is almost diffusion controlled, and the interface
concentration will be close to Xceq. In the opposite case, the
transformation is nearly interface controlled, and the
interface concentration will be close to the homogeneous
concentration in austenite. The interface concentration in
austenite gives the driving force and thus the velocity of the
interface, from which the new radius for each grain is
calculated. Finally, the ferrite fraction is calculated by
numerical integration, taking into account the impingement
of the grains (overlapping volumes of overlapping spheres
are counted only once).
The calculations for this model are very fast (in the
order of minutes to half an hour), especially compared to
phase-field modelling [10], where simulation times of days
or weeks for three-dimensional-simulations are not
uncommon.
Simulation
The model is applied for an Fe–0.1 C–0.49 Mn wt% steel,
which is cooled from 900 C to temperatures below the
Ae1-temperature using four different cooling rates: 0.05,
0.3, 10 and 60 K/s. The model is compared with experi-
mental data from Kop [11]. An example of the simulated
austenite to ferrite transformation is shown in Fig. 3.
Nucleation
The nucleation density is determined from the final ferrite
grain size [11]. The four different cooling rates result in
quite different nucleation behaviour, which is included in
the simulations in the following way. For the 0.05 K/s
cooling rate a nucleation range of 0–30 K below the Ae3-
temperature is used [8]. For a cooling rate of 0.3 K/s a
slightly larger range of 0–40 K is applied. In both cases
nuclei appear on corners and edges. For the cooling rate of
10 K/s the nucleation range is increased to 0–60 K [12]
and for the 60 K/s cooling rate a range of 0–150 K is used.
In the last two cases, it is assumed that the nuclei appear on
corners, edges and faces. In all cases a constant nucleation
rate is applied, so the number of nuclei increases linearly
with decreasing temperature.
Growth
The parameters used for the simulation are listed in
Table 1, where the only fitting parameter used is M*. The
simulation domains for the higher cooling rates of 10 and
60 K/s have half the dimensions of the lower cooling rates
to reduce the calculation time. Since the nucleation density
is much higher for high cooling rates, the resulting number
of nuclei is on the same order of magnitude.
Fig. 2 Schematic illustration of the driving force (DG) using Gibbs
free energy curves (top part of the figure) in relation to the C-
concentration profile (bottom part, profile is rotated 90). Xc indicates
the concentration at the interface, Xeq indicates the equilibrium
compositions and X0 is the overall concentration
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From experiments done by Kop [11], it can be con-
cluded that the actual Ae3-temperature for this steel (under
para-equilibrium conditions) is about 15 K lower than
calculated by thermodynamic software. Therefore, the
equilibrium conditions used in the simulations are shifted
accordingly (the Ae3-temperature from thermodynamic
databases is 1,117 K; consequently 1,102 K is used in
simulations).
Fig. 3 Typical simulated
microstructure of ferrite (red)
growing into an austenite (blue)
parent phase
Table 1 Simulation parameters
D0 (austenite) (m
2/s) 1.50 9 10-5 [14]
QD (austenite) (kJ/mol) 142.1 [14]
QM (kJ/mol) 140 [13]
mD (s
-1) 6.15 9 1013
d (m) 2.50 9 10-10
Cooling rates [K s-1]
0.05 0.3 10 60
Domain dimension (lm) 66 9 66 9 66 66 9 66 9 66 33 9 33 9 33 33 9 33 9 33
Number of austenite grains 216 216 27 27
Nucleation range (K) 0–30 0–40 0–60 0–150
Nucleation density (1013 m-3) 13 30 195 462
Number of ferrite nuclei 37 86 70 166
Mobility factor M* 0.08 0.08 0.13 2




In general, the ferrite fraction curves show a very good
agreement with the experimental data for the different
cooling rates (see Fig. 4). Only at the start of the curves for
the low cooling rates, the experimental data shows some
ferrite forming at higher temperatures. This is probably
caused by an inhomogeneous Mn distribution and tem-
perature gradients in the sample, which give rise to locally
different conditions. For the 10 K/s cooling rate, the sim-
ulation follows the experiment quite closely for the whole
transformation. For the 60 K/s cooling rate the model
correctly simulates the experiment up to a ferrite fraction
of 0.5 and then continues at a slower rate, due to a low
mobility in the model at low temperature. It is possible that
in this case also more nuclei are appearing at the end of
transformation, but the exact nucleation behaviour is
currently unknown.
Interface concentration
To show the mixed-mode character of the transformation
for the four different cooling rates, the carbon concentra-
tion at the interface in austenite of one of the nuclei is
Fig. 4 Experimental fraction curves (thick lines) as function of
temperature compared with simulated fraction curves (thin lines)
Fig. 5 Carbon concentrations at the interface in austenite as function of fraction ferrite, compared with equilibrium and homogeneous
concentrations in austenite for different cooling rates: (a) 0.05, (b) 0.3, (c) 10, (d) 60 K/s
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compared with the equilibrium and homogeneous concen-
tration (Fig. 5).
For the very low cooling rate of 0.05 K/s the equilib-
rium and the homogeneous carbon concentration are quite
close, since the transformation develops almost exactly
according to the temperature-dependent equilibrium phase
fractions. Consequently, there is not much difference
between diffusion- and interface-controlled growth. After
40% transformed ferrite, the transformed fraction can no
longer be distinguished from the equilibrium fraction.
For the 0.3 K/s cooling rate the carbon interface con-
centration is slightly below the equilibrium concentration
in austenite, and therefore the transformation is close to
diffusion-controlled. After 60% ferrite, the transformation
follows equilibrium.
For the 10 K/s cooling rate the transformation clearly
shows a mixed-mode character: the carbon concentration is
well below the equilibrium concentration during most of
the transformation, but is also far above the homogeneous
concentration. Therefore the transformation is between
diffusion- and interface-controlled. The concentration
profiles of the first appearing nucleus during the transfor-
mation are shown in Fig. 6 for different stages of the
transformation. As the ferrite grows, the carbon is pilling
up at the austenite interface, but is not reaching the equi-
librium concentration for most of the transformation. These
profiles are an important result of the modelling, since they
indicate the degree of soft impingement (overlap of dif-
ferent diffusion fields) during the phase transformation, as
well as resulting concentration gradients in any retained
austenite.
For the cooling rate of 60 K/s the interface concentra-
tion is right from the start just below the equilibrium
concentration, indicating mainly diffusion-controlled
growth. However, the agreement with the experimental
data is rather poor in this case (see Fig. 4), which has
possibly led to a high value being chosen for the mobility.
Conclusions
The presented model allows very fast simulations of par-
titioning phase transformations in three-dimensional space,
and is shown to be able to simulate the austenite to ferrite
transformation kinetics quite well for 0.05, 0.3 and 10 K/s
cooling rates. In the case of 60 K/s cooling rate, the model
follows experiment until about half the transformation. The
model does not a priori assume diffusion control or
interface control for the growth, but the character of the
transformation is a result of the modelling.
The mixed-mode character of the transformation is seen
clearly in the case of 10 K/s where the carbon interface
concentration is between the homogeneous and equilibrium
concentration.
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